INTRODUCTION
Recent studies of ion induced damage in SiGe alloys have been motivated by the possible application to integrated circuit technology where implantation doping would be required. As a key step in the processing of semiconductor devices, it is important to understand the mechanisms for damage nucleation and growth which occur during ion implantation. It has been observed that the SiGe layers in Si/SiGe superlattice structures are preferentially damaged during ion implantation to an extent far beyond that calculated from the increased damage cross-section of Ge over Si [1, 2] . It has since been shown that a small concentration of germanium has a significant stabilizing effect on damage retention during room temperature implantation with silicon ions [3] . Some understanding of this phenomenon can be sought through a simple model in which the mobility of point defects is the dominant factor controlling the growth of damage. This model was applied to a damage study in unstrained SiGe alloy layers [4] . In this study we report on new experimental data for strained layer SiGe/Si and compare them with the model.
EXPERIMENT
Two separate structures, a 37nm layer of Sb.ssG~.la capped With 112nm of Si and a 45nm layer of S&.,rG~.29 capped with 115nm of Si were used for this experiment. All the epitaxial layers were grown by molecular beam epitaxy (MBE) in a VG Semicon V80 system at the National Research Council [SI. Growth was performed on lightly doped 100 mm diam. Si (100) Cmhralski wafers at a temperature of 450f25"C and at a growth rate of 0.2-0.4 n d s . The substrate preparation consisted of a 50 minute treatment in a W-ozone photo-reactor to remove surface hydrocarbons prior to loading in the growth chamber, followed by a 600s heat treatment at 900°C under a small Si flux (0.01 nm/s) to remove the surface oxide.
For subsequent measurements the wafers were cut into lcm x lcm pieces. Strain and composition of the SiGe layers were determined by double axis x-ray diffraction measurements ((400) rocking curves; f geometry) and by Rutherford backscattering spectrometry (RBS) [6] using channelling techniques. The Ge concentrations obtained from the x-ray measurements were slightly higher than the values obtained by RBS [7] , which could not be fully explained by lateral compositional variations of less than 1% over the wafer.
Ion implantations were performed using the 1 . 7 M V tandem accelerator at the University of Western Ontario. The strained Sil,,Ge, alloy layers we= bombarded with Si ions at energiesof 80 keV (x=O.16) and 200 keV (x=0.29) with substrate temperatures of 30 to 110°C. The 'energies were chosen to localize damage near the buried SiGe layer [8]. The ion current was maintained within the range of 40 to 50 nA/cd minimize effects due to ion flux 141. The implant chamber allows time-resolved reflectivity (TRR) analysis [9] with a dual beam (633nm and 1.15pm wavelength) laser reflectivity system to monitor, in situ, changes in the optical properties of the implanted layer which accompany the build-up of damage. With this technique, the implanted dose at which damage saturates for a given ion flux and temperature can be determined with a single measurement. The reflectivity data may also indicate any differences in the mechanisms by which damage is accumulated. The damage levels in all samples were determined by Rutherford backscattering techniques and were quantified by measuring the yield of backscattered ions from germanium atoms in channelled and random directions.
RESULTS AND DISCUSSION
In their studies of ion-induced damage in unstrained SiGe alloys, Haynes and Holland [4,10] applied a simple model based on the assumption that thermal diffusion of defects out from the cascade volume during the cascade lifetime reduces the retained damagerl 11. In this model the fractional damage F(T) versus fluence <P is given by where a. is the minimum fluence necessary to amorphize the alloy at low temperature, determined experimentally at 77K, and Lo and Q are parameters which describe the thermally activated mobility of defects. L, and Q were fit to measured values of damage versus implant temperature for a fixed fluence and flux (50 nA/cm*). The results of those measurements are reproduced in table 1. Inverting equation (l), with F(T)=l, yields an expression for the amorphization threshold The curves described by equation (2), when evaluated with the parameters given in table 1 for x=O, 0,15,0.35 and 1, are displayed in figure 1. It can be seen that at low temperatures, where the influence of dynamic annealing is small, the amorphization dose is low and has a weak temperature dependence. The high temperature side of the curve shows that for each composition there is a region where the damage caused by the implanted ions is compensated by dynamic annealing, and the structure can not be amorphized. The amorphization dose is generally higher for lower Ge concentration, but the relation is not linear -the curve for 35%
Ge is already very close to the 100% Ge curve. The reflectivity trace shown in figure 2 is typical of those recorded for low temperature implantation of a buried Sil,Ge, layer for the 633nm wavelength. Calibration by RBS techniques indicate that the early decline in reflectivity corresponds to the build-up of damage in the Sil,Ge, layer and the increasing reflectivity which dominates the later part of the measurement results from the build-up of damage in the Si cap layer. Computer modelling of the reflectivity data using an effective medium approximation indicates that this trace is consistent with the uniform accumulation of damage about the dE/& peak, enhanced in the SiGe layer. The channelling spectra, shown in figure 3, confirm this picture.
From figure 3 .and similar data for 30,50 and 70"C, the fractional damage was quantified as a function of implanted ion fluence by measuring the backscattering yield of the germanium peak. The damage fraction F can be calculated by F=(Yi-YV)/(Yr-Yv), where Yi and Y, are the channelling yields for the implanted and virgin sample and Y, is the random yield. The results for x=O. 16 at 30°C are presented in figure 4 . The data show that there is an initial slow buildup of damage followed by a more rapid approach to amorphization consistent with the mechanism reported for damage accumulation in bulk silicon [12, 13] . In this study, we define the amorphization threshold by the fluence required for the Ge yield to reach 90% of the random level. The TRR data have been calibrated so the amorphization threshold can be measured from a single measurement. The threshold fluences for 90°C and 110°C in the x=0.16 alloy were determined directly from TRR data.
To evaluate the model for the x=0.29 alloy, for which values of the required parameters were not available, measurements were performed on implants of 2~1 0 '~ ions/cm2 at substrate temperatures in the range 30-110°C. The data are represented by the open circles in figure 5. ' A least squares fit to equation 1 w i t h the interpolated value of *,,=0.95~10~~ an-* was found for Q=0.26eV and &= 19.9nm and is shown in figure 5 as a solid line.
These parameters are consistent with earlier experimental results on relaxed layers (table I) . The predicted amorphization threshold for the strained Sj , , , , G%, is plotted in figure 6 . Below the critical temperature, the x=0.29 curve falls between those for Si,-,85G%.ls and pure Ge indicating that the description applied to the unstrained material can also be applied to strained alloy layers.
The results of this work are compared to the predictions of the model in figure 6 . In the low temperature regime, 30-9OoC, the Energy (MeV) 
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Figure3
Ion channelling spectra detailing the accumulation of damage with fluence in S&.71GG.29 at m n a n agreement is good, supporting the 3u-Lmodel and indicating that the accumulation of damage in the strained and unstrained alloy is not distinguishable. At higher temperatures, the data depart from the curve, suggesting that the temperature dependence of the threshold near the criticai temperature is not as strong as is predicted. EFgure 4 Damage vs Si-ion fluence for S&.84G%.16 at 30°C. These data confirm the interpretation of the TRR data shown in figure 2 , that the minimum reflectivity corresponds to amorphization of the SiGe layer. It is anticipated that another mechanism for damage accumulation, one not described by this simple model, and one which may be sensitive to pre-existing strain, dominates at higher temperatures. A significantly different TRR trace has been observed for the higher temperature implantations (not shown), substantiating this possibility. Indeed, the results are consistent with damage accumulation trends in several other materials which have been described in terms of nucleation limited amorphization [14, 15] . A more detailed examhiition of the damage accumulation at higher temperatures is already in progress.
CONCLUSIONS
We have demonstrated that the model used by Haynes and Holland [4, 10] to describe the damage accumulation in a bulk (unstrained) SiGe alloy can be applied to predict the amorphization threshold for thin (strained) SiGe alloy layers in the temperature range of 30-90°C. This result provides further evidence that, near mom temperature, the selective amorphization of SiGe in Si/SiGe multilayer structures is not due to the pre-existing strain, but rather to a reduction in dynamic annealing efficiency when germanium is present in silicon. Near the critical temperature, the results for the strained layers diverge from the predicted amorphization threshold, suggesting that a mechanism not described by the model dominates in that regime.
The application of time reso1ved reflectivity p) to measure the amorphization threshold of a buried SiGe layer, in situ, has been demonstrated in these studies. With this technique, a substantially improved measurement efficiency has been realized as compared w i t h conventional post-implantation analysis. 
